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A B S T R A C T
Microstructure evolution and softening during interrupted low cycle fatigue (LCF) tests at 600 °C and constant
strain amplitudes of ± 0.2% and±0.6% corresponding to dominance of the elastic and plastic strain compo-
nents, respectively, was examined in a 10% Cr steel. Cyclic softening attributed to changes in the strengthening
from dislocations and lath structure is more pronounced during the first half-life. The Burgers vector analysis of
dislocation reveals the role of the single and multiple dislocation slip in retention and transformation of lath
structure at cycling with low and high strain amplitude, respectively.
1. Introduction
High-chromium martensitic steels are used for critical components
of fossil power plants due their superior creep resistance [1,2]. The high
creep strength is attributed to the tempered martensite lath structure
(TMLS) consisting of a hierarchical sequence of structural elements, i.e.,
prior austenite grains (PAGs), packets, blocks and laths with a high
density of free dislocations [1–3]. The stability of the TMLS is provided
by a dispersion of secondary phase particles hindering the transfor-
mation of the lath structure into the subgrain structure under creep
conditions [1,2,4–10]. Under tempering the M23C6 carbides precipitate
at boundaries of structural elements including lath boundaries, and M
(C,N) carbonitrides precipitate in the ferritic matrix [1,2,11–13]. In
addition, Laves phase particles precipitate during creep
[1,2,4–10,14,15].
Low cycle fatigue (LCF) which is caused by cyclic thermal stresses
from start-up/shut-down regimes of steam turbines, also induces
transformation of the TMLS to the subgrain structure which deteriorates
the creep strength [16–24]. High-chromium steels exhibit an extensive
softening during cyclic loading at elevated temperatures as a result of
evolution of TMLS in the nearly same way as under creep conditions
that reduces their service life [16–24]. The main microstructural
changes contributing the cyclic softening consist in the decreasing the
dislocation density by dislocation annihilation, coarsening of marten-
sitic laths and transformation of lath structure into dislocation cell and
subgrain structure [4–10,16–24]. Despite the fact that microstructural
evolution leading to cyclic softening is considered in a limited number
of works [25,26] the models describing a decrease in the dislocation
density and the subgrain coarsening at elevated [23] and room [27]
temperatures were developed. In contrast to creep, under LCF condi-
tions the dispersion of secondary-phase particles changes insignif-
icantly. Nevertheless, coarsening of precipitates and their dissolution
can decrease the pinning effect on the dislocations and contribute to
cyclic softening [17,28].
It is known that the strain amplitude affects significantly the LCF
behavior and the transformation processes of the TMLS into the sub-
grain structure at elevated temperatures [16,18,28]. Thus, cycling of
the 10% Cr steel with low strain amplitude in which an elastic strain
dominates results in the formation of subgrains of rectangular shape
[16]. The crystal lattice retains its orientation and boundary M23C6
carbides restrain the migration of lath/subgrain boundaries. In contrast,
during cycling with high strain amplitude the complete transformation
of lath structure into subgrain structure occurred and well-defined
equiaxed subgrains with re-oriented crystal lattice evolved. The fa-
cilitated migration of subgrain boundaries is not impeded by the chains
of boundary carbides under these conditions. On the other hand, an
increase in the strain amplitude promotes the propagation of fatigue
cracks that significantly affects the LCF behavior and fatigue life [16].
To reveal the effect of microstructural changes on the cyclic soft-
ening of the 10% Cr steel the microstructural evolution is examined by
interrupted LCF tests in relation with a decrease in the microhardness at
a temperature of 600 °C.
The 10% Cr steel belongs to a new generation of martensitic steels
containing the decreased N and increased B contents and demonstrating
an extremely high creep strength at 650 °C due to superior stability of
TMLS under creep condition [9,10,29]. The M23C6 carbides in this steel
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are characterized by the enhanced coarsening resistance under aging
and creep conditions [9–11]. In the same time, LCF behaviors of this
steel and the 9–12% Cr steels containing conventional B and N contents
are nearly the same [16–21,30–32]. Therefore, the origin of structural
degradation under cyclic loading established in the present study will
be not only essential for the 10% Cr steel, but also is important for
predicting lifetime during LCF tests of other high-chromium steels.
2. Experimental procedure
A 10% Cr steel with the chemical composition (in wt.%) of 0.1% C,
0.06% Si, 0.1% Mn, 10.0% Cr, 0.17% Ni, 0.7% Mo, 0.05% Nb, 0.2% V,
0.003% N, 0.008% B, 2.0% W, 3.0% Co, 0.002% Ti, 0.006% Cu, 0.01%
Al and Fe-balance was examined. The steel was subjected to normal-
izing at 1060 °C for 30 min followed by air-cooling and final tempering
at 770 °C for 3 h. Other details of material and processing were reported
previously [9,10,11,16,30,31,32].
LCF tests were carried out at 600 °C under fully reversed tension-
compression loading conditions with constant total strain amplitudes
on cylindrical specimens with a uniform-gauge section length of 18 mm
(the distance between the extensometer rods was 12 mm) and a dia-
meter of 5 mm using an Instron 8801 testing machine equipped by the
version 8.0 of the Instron LCF 3 software according to ASTM E 606. The
temperature of the specimens was controlled during the testing and ΔT
did not exceed the required 1%. The ratio of minimum strain to max-
imum strain was −1 and the frequency was 0.5 Hz. The total strain
amplitude was εac = ±0.2% (low) and εac = ±0.6% (high), that
were determined to correspond to dominance of either elastic or plastic
strain components in the total strain amplitude, respectively, in pre-
vious works [30,31]. First, the LCF tests up to failure were carried out
which were stopped when the stress amplitude decreased by more than
20% over the last 50 cycles. Stress–strain hysteresis loops were re-
corded continuously to determine the cycle-dependent changes in the
stress and plastic strain amplitude. Then, the interrupted at different
stages LCF tests were carried out using the subsequent specimens, one
specimen per one level. The interruptions were made at the onset of
softening stage (after 5 and 30 cycles), at half-life stage (after 9000 and
500 cycles) at εac = ±0.2% and at εac = ±0.6%, respectively. The
interrupted tests were stopped after a full loop closing cycles using the
Instron LCF 3 software. The microhardness was determined using a
Wilson Wolpert 402 MVD hardness tester under a load of 300 g on the
samples subjected to mechanical and electro-polishing with an accuracy
of 4%.
The microstructure was examined using a Quanta 600FEG scanning
electron microscope equipped with electron backscatter diffraction
(EBSD) pattern analyzer incorporating an orientation imaging micro-
scopy (OIM) system and a JEOL JEM-2100 transmission electron mi-
croscope (TEM). TEM foils were prepared by double-jet electro-pol-
ishing using a solution of 10% perchloric acid in glacial acetic acid. OIM
images were obtained with a step size of 120 to 170 nm and subjected
to a cleanup procedure, establishing a minimal confidence index of
approximately 0.1 and a minimal number of points per grain of 8. High-
and low-angle boundaries (HABs and LABs) were defined to have a
misorientation of ≥15° and 2° ≤ θ < 15° and depicted in the OIM
maps using black and white lines, respectively. In order to evaluate the
distribution of strain or the stored energy in TMLS the kernel average
misorientation (KAM) values were obtained from OIM images. The
transverse lath/subgrain sizes were measured on the TEM micrographs
by the linear intercept method, counting all the clear visible (sub)
boundaries. The dislocation densities were estimated by counting the
individual dislocations in the (sub)grain/lath interiors per unit area on
at least six arbitrarily selected typical TEM images for each data point.
The equilibrium volume fractions of phases were calculated by version
5 of the Thermo-Calc software using the TCFE7 database entering the
BCC A2, FCC A1, M23C6 and Laves phase C14 equilibrium phases for
the actual steel composition.
3. Results
3.1. Microstructure after normalization and tempering
Fig. 1 shows TMLS of the 10% Cr steel. It was described in detail
previously [9,10,11,16,30,31,32]. An average size of PAGs is ~35 μm,
average thickness of laths is ~0.4 μm; and the dislocation density
within the lath interiors is ~1.7 × 1014 m−2. The main feature of TMLS
of the 10% Cr steel is the presense of coarse laths having low continuous
misorientions along with blocks exhibiting high continuous mis-
orientations (Fig. 1a). The internal distortions is predominantly loca-
lized in blocks, whereas coarse laths are almost strain-free (Fig. 1b).
Therefore, the packets of TMLS consist of two structural components
distinctly distinguished by internal stress fields. M23C6 carbides with an
average size of about 70 nm densely locate at HABs of PAGs, packets,
and low-angle lath boundaries in nearly equal proportions, although
some lath boundaries are almost free of these carbides. Nb(C,N) car-
bonitrides with a size of 30 nm are uniformly distributed within the
martensite laths.
3.2. Fatigue behavior
The LCF curves for the 10% Cr steel at 600 °C are shown in Fig. 2.
Fatigue life decreases from 17,213 to 954 cycles with an increase in the
strain amplitude, εac, from±0.2% to±0.6%. At εac = ±0.2%, the
steady-state stage is observed during the first 40 cycles followed by a
continuous cyclic softening with a coefficient of Δσ/ΔlgNf = 22. At
εac = ±0.6%, the onset of cyclic softening is characterized by Δσ/
ΔlgNf = 44, it appears immediately after the first cycle and takes place
up to failure. Therefore, increasing the strain amplitude leads to two-
fold increase in the softening coefficient.
Fig. 3 demonstrates the effect of number of reversals on hysteresis
loops. The symmetric profiles for the first cycle loop that are typical for
Fig. 1. Structure of the 10% Cr steel in normalized-and-tempered condition: (a) OIM image with corresponding {0 0 1} pole figure and distribution of LABs
misorientation; (b) KAM map.
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strain softening [32] are observed. At εac = ±0.2%, the plastic strain
component εap = ±0.0272% that comprises 13.6% from the total
strain amplitude after 30 cycles and these value increases by more than
2 times at half-life cycles (Fig. 3a and c, Table 1). At εac = ±0.6%, the
contribution of plastic strain comprises 59% after the first cycle and
slightly increases with an increase in the number of cycles to half-life
cycles (Fig. 3b and c, Table 1). The stress amplitude decreases during
LCF testing due to cyclic softening. Therefore, the second half-life cycles
are charactarized by the significantly higher plastic strains than the first
half-life cycles. A difference in the contribution of plastic strain to
overall strain amplitude between the first and second half-life cycles is
more pronounced at εac = ±0.2% than at εac = ±0.6%.
3.3. Microhardness evolution under LCF at 600 °C
Microhardness of the 10% Cr steel in the tempered condition is 240
HV (Fig. 4, Table 2). The microhardness change during cyclic de-
formation at 600 °C is shown in Fig. 4. The steel demonstrates similar
decrease (on approximately 2–3%) in the microhardness after 30 and 5
cycles at strain amplitudes of± 0.2 and±0.6%, respectively. Further
cyclic loading up to failure leads to a gradual decrease in the micro-
hardness down to 220 and 215 HV at strain amplitudes of± 0.2
and± 0.6%, respectively. At the half-life stage (9000 and 500 cycles),
the microhardness reduces to 224 and 220 HV at low and high εac,
respectively (Table 2). Therefore, microhardness decreases mainly in
the first half of the life-time on approximately 7% and 9% as compared
to the initial state for εac = ±0.2% and εac = ±0.6%, respectively
(Table 2, Fig. 4). In contrast, the following half of cycling leads to an
additional 1–1.5% decrease in microhardness. The fractured samples
after LCF tests with low and high strain amplitudes are characterized by
relatively high level of microhardness, respectively, which comprises
92% and 90% from the initial microhardness, respectively.
3.4. Microstructure evolution under LCF at 600 °C
Evolutions of the TMLS under dominance of the elastic
(εac = ±0.2%) and plastic (εac = ±0.6%) strain amplitudes are
distinctly different (Figs. 5–9).
At the onset of the softening stage after 30 cycles at εac = ±0.2%
and after 5 cycles at εac = ±0.6%, the rearrangment and partial an-
nihilation of lattice dislocations leads to a decrease in the dislocation
density by 6% and 24%, respectively (Fig. 5a and b, 6a and b, 9). As a
result, a slight increase in the fraction of LABs with misorientation of 2°
and 6° appears (Fig. 5a and b, Table 2). At εac = ±0.6%, a 20%
Fig. 2. Cyclic stress response curves of the 10% Cr steel at 600 °C. Filled circle
symbols indicate the points, where the fatigue tests were interrupted for mi-
crostructure characterization.
Fig. 3. Stress-strain hysteresis loops of the 10% Cr steel for cycles ranging from first to half-life at εac: (a)± 0.2%, (b)± 0.6%. Effect of number of cycles at strain
amplitudes εac = ±0.2% and εac = ±0.6% on the plastic strain amplitude (c).
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increase in the mean lath width accompanied by a significant decrease
in the lattice dislocation density occurs that is in contrast to
εac = ±0.2%, where the lath width remains unchanged and the sub-
grains having rectangular shape and bounded by LABs appear due to
subdivision of laths by transverse LABs (Fig. 6a and b). Therefore, the
cyclic loading with dominance of the plastic strain amplitude leads to
the significant microstructural changes even after 5 cycles.
At the half-life cycles corresponding to the middle of the softening
stage, the different TMLSs evolve after cyclic loading at the low and
high strain amplitudes. At εac = ±0.2%, a loading for 9000 cycles
leads to the 45% increase in the lath width and 24% decrease in the
lattice dislocation density (Figs. 6c and d, 9). The TMLS does not sig-
nificantly change as suggested by well-defined “Bain circles” indicating
of absence of significant re-orientation of the crystal lattice under cyclic
loading (Fig. 5c). Also, the high continuous misorientations associated
with the internal stresses remain in the most of packets; an insignificant
relief of the internal stresses occurs in blocks with initially high con-
tinuous misorientation (Fig. 5c). The chains of carbides effectively pin
the lath boundaries preventing their migration (Fig. 6c and e). On the
other hand, the rearrangment of dislocations comprising the lath
boundaries which are almost free of carbides leads to the transforma-
tion of these lath boundaries into subboundaries and their migration
resulting in a decrease in the density of LABs (Fig. 6c, Table 2) [30,31].
As a result, the subgrain structure with the mean subgrain size of
410 nm evolved in the lath interiors, while the coarse subgrains with
dimensions ranging 0.5…2.5 μm form in the coarse laths (Fig. 7a).
At εac = ±0.6%, the main feature of microstructural evolution at
the half-life cycles is the detachment of some lath boundaries from
particles (Fig. 6d and f). An ability of particles to pin the lath bound-
aries tends to decrease with increasing the plastic strain amplitude. As a
result, at εac = ±0.6%, the microstructural changes are more pro-
nounced than at εac = ±0.2% despite the fact that the number of half-
life cycles of N= 500 at εac = ±0.6% is less by an order of magnitude
than that at εac = ±0.2%. The increase in the lath width by 70% and
decrease in the lattice dislocation density by 53% occur in comparison
with the tempered condition (Fig. 9, Table 2). A major part of lath
boundaries transforms to the subboundaries which exhibit the extinc-
tion fringes (Figs. 5d, 6d and f). Nevertheless, the lath structure retains
that is confirmed by the retention of the “Bain circles” on {0 0 1} pole
figures as well as the internal stress fields on the KAM map (Fig. 5d).
The density of LABs is less than that at εac = ±0.2% (Table 2) in-
dicating of the strain-induced coalescence of subgrains that leads to a
larger size of subgrains (Figs. 7b, 9b, Table 2). A decrease in the internal
stresses with increasing number of loading cycles is seen in the KAM
map (Fig. 5d and f). Therefore, the transformation of the lath bound-
aries to the subgrain boundaries followed by their migration within
blocks having initially high continuous misorientation relives an in-
ternal stress and increases the number of coarse laths/subgrains with
low internal distortions, although this process occurs with a low rate
during the first half-life cycles.
Further cyclic loading up to failure pronounces the difference in the
effect of strain amplitudes on the microstructure. At εac = ±0.2%, any
significant changes in TMLS hardly occur during the second half of the
fatigue test. The mean width of laths and lattice dislocation density
remain essentially the same (Fig. 8a, Table 2). The lath boundaries and
lattice dislocations are effectively pinned by densely distributed M23C6
carbides and M(C,N) particles [4,5,9–12]. The mean subgrain size
continuously increases up to 500 nm (Table 2). Scarce dislocation glide
attributed to a low strain amplitude leads to an insignificant decrease in
the dislocation density down to ~1.2 × 1014 m−2 and retains the
crystallite orientations during the second half of fatigue test (Fig. 5e, 9a,
Table 2). Areas of blocks remain misorientated (Fig. 5e), while TEM
micrographs show an evidence for relieving the stress fields originated
from lath boundaries (Fig. 8a). Thus, an elastic strain provides the re-
distribution of lattice dislocations from lath interiors to lath boundaries
and rearrangement of intrinsic dislocations comprising these bound-
aries into the low-energy configurations (Fig. 8a). As a result, the
fraction of LABs with misorientation of 2° increases up to 30% along
with increasing the LAB density (Table 2). The knitting reaction be-
tween free dislocations and dislocations of lath boundaries occurs with
a low rate and leads to an insignificant mutual annihilation.
In contrast, at εac = ±0.6%, the transformation of the lath
boundaries into the subboundaries is assisted by frequent knitting
Table 1
Change in the low cycle fatigue data at 600 °C of the 10% Cr steel with number of cycles.
Number of cycle εac = ±0.2% εac = ±0.6%
1 30 9000 13,000 1 5 400 700
εap, % 0.0256 0.0272 0.0564 0.0589 0.3552 0.3665 0.4172 0.4229
Fig. 4. Effect of number of cycles at strain amplitudes εac = ±0.2% and±
0.6% on the microhardness.
Table 2
Microhardness and microstructural parameters after fatigue tests at 600 °C in-
terrupted at different stages. Numerator and denominator are values measured
at εac = ±0.2% and εac = ±0.6%, respectively.







240.0 234.9/233.7 224.0/219.5 221.0/216.0
Lath width, nm
400 410/490 580/680 580/-
Subgrain size, nm
390 320/470 410/590 500/900
Dislocation density, ×1014 m−2
1.70 1.60/1.30 1.30/0.80 1.20/0.58
Fraction of LAB, %
58.1 50.7/53.6 53.9/49.4 54.4/50.2
Portion of LABs with misorientation of 2°, %
25 27/27 27/25 30/24
Portion of LABs with misorientation of 4-6°, %
31 38/37 36/40 32.5/36
Density of LABs, ×105 m−1
10 6.8/6.3 6.5/5.8 8.1/7.3
Density of HABs, ×105 m−1
7 6.6/5.5 5.5/6.0 6.7/7.3
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reaction leading to a three-fold decrease in the density of lattice dis-
locations (Table 2, Fig. 9a). This transformation is completed during the
second life-time cyclic loading. A high plastic strain amplitude [31]
provides the formation of the coarse subgrain structure with the mean
subgrain size of 0.9 µm in the whole material volume (Figs. 5f, 8b). The
KAM values remarkably decrease in the interiors of packets and in-
dividual PAGs (Fig. 5f). The migration of subgrain boundaries during
the second life-time cycles appears at the level of packets. The partial
spreading of “Bain circles” and appearance of numerous diffused spots
on a {0 0 1} pole figure (Fig. 5f) are indicative of re-orientation of the
lattice due to dislocation glide. This spreading correlates with the re-
placement of laths by subgrains. The fraction of LABs with mis-
orientation of about 6° increases (Fig. 5f, Table 2) whereas that of 2°
decreases along with an increase in the dimensions of crystallites
outlined by LABs. These changes evidence for the accumulation of
subboundary misorientation.
Therefore, the main difference in the evolutions of the TMLS during
cyclic loading with dominance of the elastic or plastic strain amplitudes
is attributed to different rate of the knitting reaction between lattice
dislocations and dislocations comprising lath boundaries. This reaction
leads to the partial transformation of lath boundaries to subgrain
boundaries during the second half-life cycles at εac = ±0.2%, whereas
the major portion of lath boundaries transform to subgrain boundaries
during the first half-life cycles at εac = ±0.6%. Boundary carbides are
effective in the pinning of lath boundaries and non-effective in the
pinning of subgrain boundaries. Migration of the lath boundaries is
arrested by precipitates up to failure and only lath boundaries, which
were almost free of carbides, are able to migrate that leads to an
Fig. 5. OIM images with corresponding {0 0 1} pole figure, distribution of LABs misorientation and KAM maps of the 10% Cr steel after fatigue tests at 600 °C
εac = ±0.2% (a,c,e) and εac = ±0.6% (b,d,f), interrupted at different stages (indicated on images).
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increase in the lath width at εac = ±0.2%. At εac = ±0.6%, the
detachment of subgrain boundaries from M23C6 carbides at the second
half-life cycles yields an extensive migration of these boundaries.
4. Discussion
4.1. Relation between microhardness and microstructural parameters
Fig. 10a shows a decrease in the microhardness H/H0 as a function
of fatigue life fraction N/Nf. It is seen that microhardness decreases
more intensively during the first half of the life-time than during the
second one. This finding is evidenced by approximately 4 times larger
the slope of H/H0 vs N/Nf curves at the first half of cycling (Fig. 10a).
The rate of microhardness decrease at first half-life is about 30% higher
for a high strain amplitude as compared with a low strain amplitude,
whereas at the second half it is nearly the same for both strain ampli-
tudes.
It is known that a decrease in the hardness under creep conditions is
related to creep life fraction as the follows [33,34]:
= ×t t H H/ (1/0.15) (0.98 / )R t o (1)
where tR is the rupture time and t is the certain creep time. This
equation allows predicting remnant life time in high-chromium steels
with a high accuracy [4,33,34].
According to Fig. 10a, a decrease in microhardness of the 10% Cr
steel under LCF condition can be expressed by the following relation:
=H H k N N/ 0.98 ( / )0 f (2)
where coefficient k varies from 0.09 to 0.12 depending on the strain
amplitude (εac = ±0.2% and εac = ±0.6%, respectively) and the
mean k is 0.11. However, this dependence is actual only for the first
half-life because a decrease in microhardness is insignificant during the
second half-life.
In order to reveal the effect of microstructural changes on the
softening of steel under fatigue condition, let us consider the change in
the square root dislocation density and inverse lath width 1/dlath as
a function of fatigue life fraction N/Nf (Fig. 10b and c). These values are
known to determine the strengthening factors from free dislocations
ΔHdisl and substructure ΔHlath, which correlates linearly to strength
Δσdisl and Δσlath, respectively, according to the following relationships
[35]:
=H MGb~disl disl 1 (3)
=H Gb d~ /lath lath 2 lath (4)
where α1 and α2 are the material constants, M is the Taylor factor, G is
the shear modulus, b is the Burgers vector.
Fig. 6. TEM micrographs of the 10% Cr steel after fatigue tests with εac = ±0.2% (a,c,e) and εac = ±0.6% (b,d,f), interrupted at the onset of softening stage: a)
εac = ±0.2%, N= 30 cycles and b) εac = ±0.6%, N= 5 cycles; and half-life stage: c,e) εac = ±0.2%, N= 9000 cycles and d,f) εac = ±0.6%, N= 900 cycles.
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The onset of cyclic softening (30 and 5 cycles) at the low and high
strain amplitude is characterized by the 3% and 13% decrease in
value and 7% and 23% decrease in the 1/dlath value, respectively
(Fig. 10b and c). However, although these changes differ by 3–4 times
for εac = ±0.2% and εac = ±0.6%, a decrease in the microhardness
is nearly the same for both strain amplitudes and comprises 2–3%. An
insignificant microhardness decrease is probably attributed to retention
of lath structure.
During the following cycling up to the half-life cycles, the rate of
decreasing the square root dislocation density estimated by the slope of
vs N/Nf curve is 2 times higher at a high strain amplitude than that
at a low strain amplitude (Fig. 10b). On the other hand, the lath width
parameter (1/dlath) decreases with the similar rate at both strain am-
plitudes up to half-life (Fig. 10c). Therefore, a 1.3 times higher the rate
of microhardness decrease at a high strain amplitude during the first
half-life is obviously attributed to a 2 times higher the rate of de-
creasing the value. It can be suggested that a decrease in the
strengthening factor from dislocation density due to intensive disloca-
tion annihilation affects the cyclic softening more remarkably than the
lath widening during the first half-life.
At the second half-life cycles, approximately 4 times lower the rate
of microhardness decrease is accompanied by an approximately 2 times
lower the rate of decrease as well as lower changes in the inverse
size of lath or subgrains (for εac = ±0.6%) (Fig. 10). So, changes in the
strengthening from free dislocations and lath structure is more pro-
nounced during the first half-life. This finding is in accordance with the
results on the other 9%Cr martensitic steels [25,27]. The lower soft-
ening rate at the second half of cyclic testing is probably attributed to
the fact that absorbed energy is mainly spent on the fatigue crack
propagation at this stage.
On the other hand, the microhardness behavior during the second
half-life at the low and high strain amplitudes does not correlate with
different changes in the dislocation density and lath width (Fig. 10).
Namely, at a low strain amplitude, despite the slight changes in and
1/dlath values the same rate of a microhardness decrease occurs similar
to that at a high strain amplitude. It can be suggested that this fact is
attributed to a decrease in the solid solution strengthening due to the
Laves phase precipitation and depletion of W and Mo from the ferritic
matrix. The duration of LCF test at εac = ±0.2% up to failure is ap-
proximately 10 h in contrast to short-term (~0.5 h) LCF test at
εac = ±0.6%. The precipitation of Laves phase is known to be the
thermally-activated and not the strain-induced process [36]. So, the
several hours of exposition at 600 °C can be enough for starting the
precipitation of fine Laves phase particles. As predicted by Thermo-
Calc, the volume fraction of Laves phase in the 10%Cr steel at 600 °C is
Fig. 7. Distribution of subgrain diameter measured at the half-life stage of fa-
tigue tests with εac = ±0.2% (a) and εac = ±0.6% (b).
Fig. 8. TEM micrographs of the 10% Cr steel after fatigue failure tests with εac = ±0.2% (Nf = 17 213 cycles) (a) and εac = ±0.6% (Nf = 954 cycles) (b).
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1.94% whereas Laves phase is not present in the tempered at 770 °C
condition. Therefore, the depletion of W and Mo from the ferritic matrix
during the cycling with εac = ±0.2% for several hours can contribute
to the cyclic softening and result in more significant microhardness
decrease despite the insignificant changes in the dislocation density and
lath width.
4.2. Burgers vector analysis of dislocations
Suggesting that different rate of knitting reaction determines the
significant difference of TMLS evolution during the low- and high-strain
amplitude cycling, we considered the dislocation substructure formed
at the half-life cycle at a low strain amplitude (N = 9000 cycles,
εac = ±0.2%) and at the onset of the softening stage at a high strain
amplitude (N = 5 cycles, εac = ±0.6%). It should be noted that the
parameters of lath structure such as the mean lath width and subgrain
size, dislocation density, fraction and density of LABs (Figs. 5b and c, 6b
and c, 9, Table 2) are almost the same in these two conditions as well as
carbides are densely distributed on the lath boundaries in both cases.
Burgers vector analysis of dislocations was carried out by means of
two-beam condition TEM tecnhique [37]. The dislocations are invisible
with the (123) reflection, whereas several dislocations (marked by
circles in Fig. 11a) are visible with the (2̄1̄1̄) reflection. The same Bur-
gers vector for all the dislocations observed may suggest that the single
slip system is operative upon cyclic loading with a low strain amplitude
at the half-life cycle, although cross-slip easily occurs in bcc metals/
alloys [38].
In contrast, the dislocations of different slip systems are observed at
the onset of softening stage at a high strain amplitude. Fig. 11b shows
that numerous dislocations are visible with the (21̄1̄) reflection (the left
picture) and (1̄21) reflection (the right picture). It is clearly seen that
some of dislocations (marked by circles) are only visible with either
(2̄1̄1̄) or (1̄21) reflections. Therefore, at least two dislocation families
with Burgers vectors of 1
2
a [111̄] and 1
2
a [111] are observed. It is worth
noting that almost all LABs consist of two families of dislocations with
different Burgers vectors. Therefore, the interaction of dislocations with
lath boundaries during cyclic loading with a high strain amplitude may
lead to the rapid rearrangement and anihilation of lath boundary dis-
locations, promoting the transformation of the lath boundaries into the
ordinary dislocation subboundaries.
4.3. Microstructural evolution
So, the single slip and multiple slip determines, respectively, the
rate of knitting reaction at cycling with the dominance of elastic and
Fig. 9. Effect of number of cycles at strain amplitudes εac = ±0.2% and εac = ±0.6% on the dislocation density (a) and subgrain size (b).
Fig. 10. Change in the microhardness (a), square root dislocation density (b)
and inverse lath width (c) vs the fatigue life fraction N/Nf at strain amplitudes
εac = ±0.2% and εac = ±0.6%.
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plastic strain component. The microstructural evolution during cyclic
loading at elevated temperature can be schematically presented as
follows (Fig. 12).
At first cycles corresponding to the onset of the softening stage, the
dislocations are arranged across the laths due to the reactions between
the existing dislocations in the lath interiors and new generated dis-
locations. Thermal recovery prevents accumulation of dislocations un-
like to cyclic deformation at room temperature, where cyclic hardening
was observed [32]. Dislocation slip on several systems facilitates knit-
ting reaction at a high strain amplitude that leads to the lower dis-
location density and larger lath width than at a low strain amplitude.
Operation of only single slip in latter case at the onset and in the middle
of the softening stage significantly retards the knitting reaction. As a
result, at half-life cycles lath boundaries mainly retain the high internal
stress fields. The densely distributed carbides pinning the lath bound-
aries play the major role in the retention of lath structure at a low strain
amplitude. The rearrangment of dislocations comprising lath bound-
aries leads to the transformation of these boundaries to the subgrain
boundaries [30,31]. Subgrain structure evolves in the lath interiors.
In contrast, operation of multiple slip almost eliminates the pinning
of lath boundaries by M23C6 carbides and decreases the dispersion
hardening in fatigue resistance at high strain amplitude. Therefore, lath
Fig. 11. Bright-field TEMmicrographs showing dislocation Burgers vector analysis with dislocations imaged under different beam conditions in the 10% Cr steel after
fatigue failure tests: (a) εac = ±0.2%, N = 9 000 cycles; (b) εac = ±0.6%, N = 5 cycles.
Fig. 12. Schematically presented evolution of microstructure in the 10% Cr steel during LCF test at 600 °C.
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structure with the migrating or dissolving boundaries appears at the
half-life cycle that is completely replaced by the coarse subgrains
during the second half life-time of cyclic loading. Unlike, the lath
structure which was formed at half-life cycles retains during the second
half of testing up to failure at a low strain amplitude. The mean size of
subgrains in the lath interiors and misorientation of their boundaries
continuously increase that is attributed to the fact that subgrain
boundaries play a role of sources and sinks for lattice dislocations
[39,40].
5. Conclusions
In this work, we examined the microhardness and microstructural
evolution during the interrupted low cycle fatigue (LCF) tests with the
low and high strain amplitudes of± 0.2% and±0.6%, corresponding
to dominance of the elastic and plastic strain components, respectively,
at elevated temperature of 600 °C in a 10% Cr-2% W-0.7% Mo-3% Co-
0.05% Nb-0.2% V-0.008% B-0.003% N steel (all in wt.%). The main
results are summarized as follows:
1. At the onset of the softening stage after 30 and 5 cycles at the low
and high strain amplitudes, respectively, a similar slight decrease in
microhardness of 2 and 3% occurs due to retention of lath structure
despite a 3–4 times higher decrease in the strengthening from dis-
location density and lath structure at a high strain amplitude.
2. The rate of microhardness decrease during the first half-life is ap-
proximately 4 times higher than during the second half-life that is
accompanied by the higher rate of a decrease in the strengthening
from dislocations and lath structure. During the first half-life, the
lath structure retains independently of strain amplitude, while a
higher strain amplitude provides a 30% higher rate of microhard-
ness decrease due to a 2 times higher rate of decreasing the
strengthening from dislocation density.
3. During the second half-life, transformation of the lath boundaries to
the subboundaries is completed at cycling with a high stain ampli-
tude. The depletion of W and Mo from the ferritic matrix during the
cycling with a low strain amplitude can contribute to the cyclic
softening and result in more significant microhardness decrease
despite the insignificant changes in the dislocation density and lath
width.
4. At a low strain amplitude, an operation of mainly single dislocation
slip provides the retention of pinning of lath boundaries by M23C6
carbides that retards the transformation of the lath structure into a
subgrain structure up to rupture.
5. At a high strain amplitude, the multiple slip occurring starting at the
onset of the softening stage almost eliminates the pinning of lath
boundaries by M23C6 carbides that facilitates the transformation of
the lath structure into a subgrain structure.
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